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Diffusion of native defects such as vacancies and their interactions with impurities are fundamental in semiconductor
crystal growth, device processing, and long-term aging of equilibration and transient diffusion of vacancies are rarely
investigated. We used (AlxGa1−x)2O3/Ga2O3 superlattices (SLs) to detect and analyze transient diffusion of cation
vacancies during annealing in O2 at 1000−1100◦C. Using a novel finite difference scheme for the diffusion equation
with time- and space-varying diffusion constant, we extract diffusion constants for Al, Fe, and cation vacancies under
the given conditions, including the vacancy concentration dependence for Al. In the case of SLs grown on Sn-doped
β −Ga2O3 (010) substrates, gradients observed in the extent of Al diffusion indicate that vacancies present in the
substrate transiently diffuse through the SLs, interacting with Sn as it also diffuses. In the case of SLs grown on
(010) Fe-doped substrates, the Al diffusion is uniform through the SLs, indicating a depth-uniform concentration of
vacancies. We find no evidence in either case for the introduction of VGa from the free surface at rates sufficient to affect
Al diffusion down to ppm concentrations, which has important bearing on the validity of typically-made assumptions
of vacancy equilibration. Additionally, we show that unintentional impurities in Sn-doped Ga2O3 such as Fe, Ni, Mn,
Cu, and Li also diffuse towards the surface and accumulate. Many of these likely have fast interstitial diffusion modes
capable of destabilizing devices over time, thus highlighting the importance of controlling unintentional impurities in
β −Ga2O3 wafers.

I. INTRODUCTION

β -Ga2O3 is an ultra-wide band gap (UWBG) semiconduc-
tor with potential for superior performance in power electron-
ics as well as in solar blind UV photodetectors and in trans-
parent contacts for photovoltaics.1–3. To further advance this
technology, a thorough understanding of the defects present
and their transport is needed including during single crystal
growth, epitaxial thin film growth, and during other fabrica-
tion steps.

Many groups have observed an increase in resistivity of
n-type β -Ga2O3 after O2 annealing4. This formation of an
insulating surface layer allows facile formation of UV pho-
todetectors. This phenomenon was originally attributed to
the elimination of VO which were presumed to act as shal-
low donors, before refined DFT calculations indicated that VO
was a deep donor and thus could not contribute directly to
n-type conductivity5. Oshima, et al. documented the
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netics of the insulating layer thickness formed during O2 an-
nealing and demonstrated that an SiO2 cap could prevent it6.
This indicates that direct exposure of the Ga2O3 surface to
oxygen does control the compensation of n-type conductivity
in some way. Meanwhile positron annihilation experiments

have demonstrated the presence of VGa in both bulk crystals
and thin films7,8, and that increases in their numbers and or
charge states accompany O2 annealing , which makes them a
strong candidate for n-type compensation9,10. Many mecha-
nisms, involving oxygen, VGa, VO, and n-type dopants (Sn and
Si) have been proposed, including those which involve defect
complexes instead of bare VGa and VO

11–14. Studying the dif-
fusion of VGa should elucidate what mechanisms were at play,
however vacancies are much more difficult to observe directly
than e.g. impurity atoms.

With the exception of the direct interstitial impurity mech-
anism, self- and tracer-diffusion is mediated by native de-
fects such as vacancies or interstitials.3,15–19. Modern com-
putation and experiment have established Ga vacancies and
their complexes as the most plentiful native defects in n-type
β -Ga2O3. Substitutional isovalent alloying cations in oxides
having ionic radii not significantly less than the host atom –
e.g. Al in Ga2O3 – should exhibit primarily vacancy-mediated
mechanisms under oxygen-rich conditions favoring cation va-
cancies and suppressing cation interstitials. Interstitial me-
diated mechanisms may be possible under metal-rich condi-
tions favoring cation interstitials. The local diffusion con-
stant of isotopic or chemical tracers is proportional to the local
concentration of mediating native defects. Thus for vacancy-
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hopping the tracer diffusion “constant” can vary in space and
time with the concentration of mediating vacancies and dif-
ferent crystals may exhibit different diffusion constants by
virtue of their vacancy content. This in turn is affected by
dopant impurities through Fermi level effects and their ther-
mal and chemical history. For dopant ions that control the lo-
cal Fermi level, local equilibrium of native defects can result
in that dopant’s diffusion constant being dependent on its own
concentration20–23. The most general microscopic formula-
tion of tracer diffusion problems is coupled reaction-diffusion
of defects and complexes wherein the different tracer-native
defect complexes have different diffusion coefficients than
the isolated species24,25. The fraction of time, or population
fraction, of complexes relates to the binding energy and con-
nects to the correlation coefficient of random walk theory19.
Interestingly, our assumption that the Al impurity diffusion
constant in Fick’s laws is proportional to vacancy concentra-
tion is not on its face identical to introducing non-zero but
constant off-diagonal coefficients within Onsager’s transport
formalism26.

Herein, isothermally anneal superlattices of isovalent Al
tracer concentration spikes in β -Ga2O3 to investigate the in-
terdiffusion of Al, diffusion of cation vacancies, and diffu-
sion of Fe or Sn impurities. Commonly it is assumed (and
in careful experiments, ensured) that diffusion-mediating na-
tive defects equilibriate with local impurity concentrations
rapidly compared to the experimental timescale. Rapid equi-
libration can be assumed in samples containing dense sources
and sinks, however in high-perfection crystals like those in
this study, equilibration may be much slower and limited by
injection at or transport from remote surfaces. Experiments
in which native defect processes occur on similar timescales
to tracer or impurity diffusion translate to time- and space-
varying vacancy concentrations and thus impurity diffusion
constants.

Herein, Al diffusion in superlattices (SLs) epitaxially
grown on Fe substrates occurs with at least spatially-uniform
vacancy density, while in samples grown on Sn-doped wafers
we show strong evidence for transient diffusion of cation va-
cancies out of the substrate. Using a novel modification of the
Crank-Nicholsen finite differences scheme, we infer the dif-
fusion of the vacancies mediating Al diffusion. The final Al
profiles in this work record a weighted time average of [VGa] at
each depth and the DVGa we extract should also be understood
as a time-averaged value in the presence of certain Sn (donor)
or Fe (acceptor) concentrations and small amounts of Al. Our
experiments thus set lower bounds on the true DVGa and Ga
self-diffusion constant for single crystalline β -Ga2O3. We
determine the diffusion constants for Al including its depen-
dence on local VGa concentration, for VGa (likely in the form
of SnGa −VGa complexes), and for Fe under conditions of low
vacancy concentration and low electron density. Finally, we
surreptitiously discovered that many other cation species such
as Fe, Mn, Ni, Li, and Cu also diffused from the Sn-doped
substrates and accumulated near the free surface.

II. EXPERIMENTAL AND NUMERICAL METHODS

Superlattices (SLs) consisting of 6 or 9 alternating layers
of 200 nm unintentionally doped (UID) β -Ga2O3 and 10-15
nm Al2xGa2(1−x)O3 (AlGO) where x ∼= 0.05. were epitaxially
grown using organometallic vapor phase epitaxy (OMVPE)
in an Agnitron Agilis 100 system on (010) Sn or Fe doped
β -Ga2O3 substrates obtained from Novel Crystal Technology
(NCT). The vendor reports Fe or Sn concentrations in the mid
1018cm−3, and etch pits from nanovoids and dislocations are
< 105/cm2. The lowest practical Al concentration of ≈ 5 at.%
was used and layers below the critical thickness were used in
order to prevent introduction of misfit dislocations. SLs al-
ways began and ended with 200 nm Ga2O3 spacers. UID lay-
ers grown under the same conditions exhibit n-type doping in
the low 1016/cm3 range. Annealing was carried out for times
between 2 and 80 hours with samples face up in a quartz tube
furnace in 1 atm flowing O2 after acid cleaning the tube and
the quartz or sapphire plates on which samples sat. During an-
nealing, temperature was ramped at 10◦C/min and then held
constant for the indicated time, after which, it was allowed to
freely return to room temperature.

Dynamic secondary ion mass spectroscopy (d-SIMS) pro-
files were collected before and after annealing on each in-
dividual sample by EAG Eurofins. Depth was calibrated
by measured crater depths and concentrations using ion im-
planted composition standards. Comparing multiple SIMS
profiles from each sample and between samples as well as
x-ray diffraction Pendellosung fringes allowed us to quan-
tify the uncertainty in depth scales, resulting primarily from
growth rate variation, of at most ∆x = ±6%. This translates
to relative uncertainty in extracted diffusion constants of or-
der (∆x)2=0.4%, which we expect is much smaller than un-
certainties from sample to sample variations in doping and
defects. The annealing temperature accuracy at the location
of the samples was measured to be within a few degrees of
nominal.

Isovalent aluminum and gallium have similar ionic radii,
therefore we assume a substitutional, vacancy mediated dif-
fusion mechanism for Al. Somewhat surprisingly, numerical
treatment of the case of non-steady-state vacancy-mediated
diffusion, which amounts to assuming that the tracer diffu-
sion “constant” varies in space and time, is not widely consid-
ered. Thus, a novel numerical approach based on the Crank-
Nicholson scheme (2nd order centered finite differences in
space, forward and linear in time) was developed. The lo-
cal Al diffusion constant DAl is assumed to be Arrhenius ac-
tivated and proportional to the local concentration of cation
vacancies (shorthanded as [VGa] in #/cm3 acknowledging the
small Al content) and thus takes the form

DAl = Do · exp
(
−Ea
kBT

)
= D∗ · [VGa] · exp

(
−Ea
kBT

)
= Doo(T ) · [VGa] (1)

in which Do(cm2/s) is the conventional prefactor,
D∗(cm5/s) is a constant for all temperatures, Ea is the
Al hopping activation energy given a neighboring vacancy,
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kB is Boltzmann’s constant, T is absolute temperature, and
Doo(T ) = D∗exp

(
−Ea
kBT

)
is a constant at each temperature.

Fick’s 2nd law for isothermal tracer Al diffusion becomes

∂ [Al]
∂ t

= ∂

∂x

(
DAl

∂ [Al]
∂x

)
= ∂DAl

∂x
∂ [Al]

∂x +DAl
∂ 2[Al]

∂x2

= Doo

{
∂ [VGa]

∂x
∂ [Al]

∂x +[VGa]
∂ 2[Al]

∂x2

}
(2)

Not assuming spatial uniformity of the diffusion constant in-
troduces the cross-derivative term involving gradients of both
[Al] and [VGa]. The 2nd order space central difference, first or-
der forward time discretization of this equation on a uniform
grid of spacing ∆x is

u j+1
N −u j

N
∆t

= 1
8∆x2 [u

j
N−1(D

j
N−1 +4D j

N −D j
N+1)

+u j+1
N−1(D

j+1
N−1 +4D j+1

N −D j+1
N+1)

−8(u j
ND j

N +u j+1
N D j+1

N )

+u j
N+1(−D j

N−1 +4D j
N +D j

N+1)

+u j+1
N+1(−D j+1

N−1 +4D j+1
N +D j+1

N+1)] (3)

in which the space and time grids are indexed respectively
by the subscript (j) and superscript (N) and ∆x and ∆t are the
x and t intervals. Dirichlet and von-Neuman boundary con-
ditions were applied for Al at the deepest points in the sub-
strate and surface respectively. To simplify simulation, which
we implemented in Matlab27, we used analytical solutions for
diffusion of [VGa] which is tantamount to assuming vacancy
diffusion does not depend on Al concentration. This assump-
tion was justified by the chemical similarity of Al and Ga and
the small maximum Al concentration. We find the best bal-
ance of assumptions and distinguishable differences in mod-
eled profiles by assuming depth-constant (but distinct) initial
[VGa] conditions in the OMVPE grown layers and the sub-
strates. Because of the high dynamic range of the SIMS data
with low uncertainty (meaning that both the peaks and val-
leys of the Al profiles are measured with good signal to noise
ratios), we chose to use the square difference of log10([Al])
between measured and simulated profiles (summed over the J
points in each profile) as our goodness of fit (GOF) parameter:

GOF =
1

J−3

J

∑
j=0

(
log10

[
Almodel( j)

]
− log10

[
AlSIMS( j)

])2

(4)
DVGa , the product[VGa]subs · Doo and the ratio

[VGa]epilayer/[VGa]subs are the 3 free parameters (degrees
of freedom) of each scenario directly-extractable from the
simulation/fitting and robustly determined at each tempera-
ture. Rather narrow ranges of parameter values reproduce the
Al profiles especially for the samples grown on Sn substrates.
If we assume a value for [VGa] in the substrates (discussed
below), minimizing the GOF across many diffusion simula-
tions allows us to extract [VGa] in the epilayer, Doo for the Al

at each Tanneal , and DV Ga at each T. Any difference between
actual and assumed [VGa]subs will affect [VGa]epilayer and Doo;
if the actual concentration is later found to be 10x higher
than assumed in our analysis, then Doo would actually be
10x lower but [VGa]epilayer also 10x higher.. Uncertainties in
the final extracted parameter values were estimated from the
curvature of the GOF with respect to each parameter. Further
discussion of numerical methods and error propagation are in
the Supplemental Materials.

III. EXPECTATIONS OF VACANCY INITIAL
CONDITIONS AND INITIAL OBSERVATIONS ON AL
DIFFUSION

First we discuss expectations for the initial conditions of
concentrations of VGa in the substrates and superlattices and
then present and initially assess the SIMS data. Intuition
for a completely ionic crystal suggests VGa should exist only
in the 3− charge state and thus have concentration scaling
∝ ( n

ni
)3 or ∝ exp

(
−3E f
kBT

)
28. Modern density functional theory

(DFT) with hybrid functionals accurately predicts that defect
chargestates may change if E f moves above or below charge
transition levels and can account for complexation with other
defects5,29. At equilibrium with all other factors held con-
stant, the concentration of VGa should be proportional to the
n-type doping concentration, however differences in chemical
potentials (e.g. pO2 ) and temperatures during bulk crystal and
OMVPE growth will modify this ratio.

A number of experiments have7,8,10,12,30,31 detected and
studied cation vacancies, however the most credible quan-
tification of VGa or its complexes in Sn-doped wafers comes
from the Ec-2.0 eV signal measured by deep level opti-
cal spectrscopy (DLOS). DLOS measurements on different
but very similar OMVPE layers report a concentration of
≈ 1015/cm3 for the Ec-2.0 eV defects32, while DLOS mea-
surements of Ec−2.0 eV defects in NCT Sn-doped bulk crys-
tals are reported at 0.8− 1.2x1016/cm3 for wafers matching
the nominal concentration of those used herein, [Sn] = 3.5−
5x1018/cm333. For analysis we assume [VGa] = 1016/cm3 va-
cancies in the Sn-doped substrates.

While it is possible that DLOS may not detect some va-
cancies bound in complexes, the near-unity doping efficiency
measured for Sn in bulk substrates in the 1018/cm3 range
indicates that [VGa] can not be much larger. Unfortunately,
junction capacitance based defect spectroscopies like DLTS
or DLOS can not be performed on insulating samples e.g.
Fe-doped wafers or oxygen annealed ones. All substrates
were grown at Tmelt(kBT ≈ 0.18eV ) by EFG in reduced pO2

conditions34,35. In Fe-doped Ga2O3, the Fermi level is pinned
at the Fe3+/2+ charge transition level corresponding to the 0/-
transition of the FeGa acceptor located very near Ec-0.8 eV
by DLTS and related techniques36,37. Sn-doped substrates are
degenerately doped or very close to it, thus E f ≈ Ec. For both
of these E f values, isolated VGa should be in the q= 3− charge
state; thus [V 3−

Ga ] in the Sn-doped substrates should be higher
than in the Fe-doped by a factor of exp

( 3×0.8eV
0.18eV

)
≈ 106 if [VGa]
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FIG. 1. Pre- and post- annealing quantified Al, Sn, and Fe SIMS profiles for superlattices grown on (a) Sn-doped and (b) Fe-doped substrates
and annealed 20 hrs in 1 atm flowing O2 at 1050◦C. (c) 3D render of ToF SIMS of SL after annealing at 1100◦C for 20 hours (see Fig 2)

in both substrate types equilibriate at T1=Tmelt . If VGa stay
equilibrated to a T1 temperature lower than the freezing tem-
perature, this ratio would increase, while if most of the VGa
are in (SnGa −VGa)

2− complexes or (VGa −VO)
− divacancy

complexes, this ratio would be approximately 104 or 100 re-
spectively. While the unintentional doping in our OMVPE
layers grown at 800◦C is in the low 1016, it is very difficult
to predict the ratio of [VGa] in the SLs to those in the sub-
strates because of the very different growth conditions. Also,
in separate experiments we have carried out, we find that an-
nealing Sn-doped wafers in 1 atm O2 at 1050◦C requires ap-
proximately two weeks for full equilibration; thus [VGa] will
not equilibrate in the full wafer during OMVPE growth. Thus,
we consider ratio of [VGa] in the SL to that in the substrate to
be an unknown parameter to be determined in the fitting. Note
that the substrate may not equilibrate its [VGa] during OMVPE
growth, so the ratio between substrate and SL may not have
this value. Despite the nominally-identical growth of the su-
perlattices, the initial conditions for the VGa or complexes me-
diating Al diffusion may be different from run to run, for those
grown on Fe or Sn doped substrates, and from individual sub-
strate to substrate.

Figure 1a,b shows Al and dopant SIMS profiles before and
after annealing for 20 hours in 1 atm O2 at 1050◦C for two
identical superlattices grown on Sn- or Fe-doped substrates.
For the SLs on Fe-doped substrates, Al diffuses without any
detectable gradient in the extent of diffusion of the AlGa2O3
layers in the superlattices. Meanwhile, for SLs on Sn-doped
substrates the extent of Al diffusion is greater for AlGaO lay-
ers closer to the substrate than the surface, and overall the
Al diffusion is much faster. This is consistent with a larger
[VGa] in the Sn-doped substrates compared to the SLs and
to that in the Fe-doped substrates which diffuses through the
SLs towards the surface on a non-negligible timescale com-
pared to the annealing time. For both types of samples, we
find no evidence for vacancy creation or in-diffusion from the
free surface at concentrations sufficient to affect Al diffusion

from about 5 at.% down to 1018/cm3. Such an effect could
be taking place, but apparently at concentrations significantly
lower than the estimated 1016/cm3 from the Sn-doped sub-
strates. In the case of Fe-doped substrates, VGa diffusion could
be much faster than the time required for Al diffusion at the
given VGa concentration such that it does equilibrate quickly
compared to the experimental time. As discussed later, SnGa
donors form complexes with acceptor-like VGa but acceptor-
like FeGa do not; therefore we should expect isolated VGa to
diffuse faster through SLs grown on Fe-doped substrates.

IV. ANALYSIS OF AL AND FE DIFFUSION FOR SLS ON
FE-DOPED SUBSTRATES

For SLs on Fe-doped substrates, uniform [VGa] in the SL
and substrate eliminates the cross-derivative term in Eq. 2
for the Al diffusion, reducing it to the usual form of Fick’s
2nd law. We tried many scenarios of different [VGa] in SL
and substrate but the best agreement with experiments was
found for the case of the same, low concentrations. Evolv-
ing the initial to final Al SIMS profiles for the sample an-
nealed at 1050◦C allows us to extract a value of DAl =Doo(T ) ·
[V Ga] = 3.5x10−18cm2/s, assuming [VGa] = 1014/cm3, i.e.,
≈ 100 times less than the substrate value used for Sn doped
substrates.

The diffusion of Fe itself appears to be complex, prob-
ably involving at least two modes such as both interstitial
and substitutional. The difference between the integrated Fe
concentration in the epi-layer, before and after annealing, is
≈ 8.4x1013/cm2. Of this, 8.0x1013/cm2 accumulated near the
surface, which we have shown to be neither a SIMS artifact or
a result of vapor transport during annealing (See supplemental
for details). This effect was reproduced via dynamic and Time
of Flight (TOF) SIMS, across multiple samples, and is also
reproduced on Sn doped substrates where [Fe] is initially con-
siderably lower in the substrate. The remaining 4x1012/cm2
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Fe that diffused only short distances into the SL region appar-
ently diffuses via a second mode. Assuming this corresponds
to diffusion of Fe into a long half-space without complexation
yields the analytical solution to Fick’s 2nd law38:

C(x, t) =
Csubs −CSL

2

(
1+ er f

[
x− xL√

Dt

])
(5)

in which Csubs,CSL are the initial [Fe] concentrations in
the substrate and SL respectively, xL is the depth of the
SL/substrate interface, and D is the diffusion constant for free
Fe. The best fit of this equation, excluding the [Fe] near the
surface, yields a diffusion constant of DFe = 6x10−16cm2/s.
The diffusion of Fe in Ga2O3 certainly warrants additional
experimental and theoretical scrutiny, including Fermi level
effects. Fe is present at appreciable concentrations in most if
not all Ga2O3 bulk crystals as an impurity introduced from
raw materials or Ir crucibles and dies39.

V. DIFFUSION OF AL IN ALGA2O3/GA2O3 SLS ON
SN-DOPED SUBSTRATES

Figure 2 a-c) present initial and final SIMS profiles for [Al]
for samples annealed at 1000, 1050, and 1100◦C for 20 hours.
The extent of Al diffusion within each SL is greater near the
substrate than near the surface indicating that the local con-
centration of [VGa] was non-uniform and greater near the sub-
strate for a significant portion of the annealing time. Samples
A and B were grown in the same OMVPE growth run, while C
was grown in a different run; this is important for understand-
ing the apparently lesser degree of Al diffusion despite this
sample’s higher annealing temperature, as discussed in more
detail below. Figure 2 d and e reproduce the data from a)
but also overlay simulated Al concentration profiles at 2 hour
intervals (red solid) for the best-fit parameters within two as-
sumptions for VGa diffusion (green dashed) described in the
following.

Diffusion parameter estimation from each experiment was
accomplished by evolving the measured initial Al SIMS pro-
file forward in time under many scenarios and fitting the final
SIMS profiles. Each tested scenario is defined by Eqs. 1-2, as-
sumed initial [VGa] in SL and substrate, [VGa] diffusion behav-
ior explained below, and values for Doo for Al and DVGa . It is
clear for all Sn-doped samples that the initial [VGa] in the SLs
must be at least 10 times lower than in the substrates which
agrees with intuition given the higher substrate n-type doping.
The effects of DVGa and the initial [VGa] ratio on the broaden-
ing and peak-to-valley [Al] ratio for each Al-containing layer
in the SLs are sufficiently distinct that we can determine their
values with low uncertainty within each scenario. As shown
in Figure 2 d), we first tested the hypotheses that a) VGa are
conserved and b) that they diffuse freely without interactions
from the Sn-doped substrate through the SLs according to Eq.
538:

C (x, t) =


Csubs if C (x, t)>Csubs

Cepi if C (x, t)<Cepi
Cmax

2

(
1+ x−xL√

Dt

)
if Cepi ≥C (x, t) ..

and C (x, t)≥ Csubs

(6)

in which Csubs,CSL are the initial vacancy concentrations
in the substrate and SL respectively, xL is the depth of the
SL/substrate interface, D is the diffusion constant for free va-
cancies, and t is the isothermal annealing time. In the sup-
plemental materials we explore the issue of VGa conservation
and implications for assumptions that vacancies equilibrate in
other single crystal diffusion experiments. Our simulations
reproduced the Al SIMS data fairly well indicating that these
two assumptions capture the gross features of VGa diffusion in
our experiments; no generation of VGa in the SLs or introduc-
tion from the free surface are indicated at levels detectable in
these experiments.

However, theoretical and experimental evidence21,29 sug-
gest that VGa in Sn doped substrates dynamically complex
with a small fraction of the available Sn ([VGa]«[SnGa]). Com-
plexed VGa diffuse slower than free VGa, while SnGa dif-
fuse only while complexed or correlated with a vacancy19 .
Critically for assessing how this will affect Al diffusion, the
SnGa −VGa complexation reaction’s equilibrium rate constant
was determined to be small. [Sn] is roughly 100-1000 times
higher than [VGa] in the substrate, which ensures that the ma-
jority of VGa is on average bound in SnGa −VGa complexes.
However, the small equilibrium rate constant ensures that in-
dividual SnGa−VGa complexes are constantly dissociating and
reforming. Therefore, VGa in the vicinity of Al has a high
likelihood of assisting in Al diffusion even when the VGa is
diffusing as a complex. Because any ionized donor will have
Coulomb attraction to cation vacancies, the effective diffusion
constant for VGa and thus for cation self-diffusion in the pres-
ence of donors such as Sn should be smaller the value in intrin-
sic or acceptor-doped β -Ga2O3 (e.g. Fe-doped). The degree
of retardation of cation vacancy diffusion will depend on the
concentrations of donors and vacancies and thus be variable
from experiment to experiment and vs depth and time within
any diffusion experiment.

Figure 2 e) shows fitting of one data set using a modified as-
sumption for the evolution of [VGa](x, t), taking into account
its complexation with SnGa. Frodason et al.21 studied the dif-
fusion of Sn from (001) Sn-doped substrates into UID HVPE-
grown Ga2O3 for temperatures 1050 to 1250◦C and fit them
with a diffusion-reaction model. A key assumption of their
work was that [VGa] equilibrated quickly by unspecified gen-
eration or transport mechanisms with the local Fermi level set
by the local doping – i.e. that

∫
[VGa]dx was not conserved.

In Ref.21 (and in some similar intermediate Sn d-SIMS pro-
files obtained in this work but not shown herein) Sn appears
on a log scale to diffuse as a nearly-rigid step with maximum
slope set by the temperature but not time. In the Supplemen-
tal Materials we develop an analytical approximation for the
x and t evolution of both [SnGa] and [VGa] within for this R-
D process during isothermal annealing. Remarkably, this is
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FIG. 2. (A-C) SIMS profiles of Al before (blue) and after (red) annealing for 20 hours at the indicated temperatures. (D-E) initial and final
SIMS data from 1000◦C sample with results of finite differences simulation shown in red for 2 hour increments under the assumption that VGa
diffuses as er f (x, t) (D) or as piece-wise linear solution to the SnGa −VGa complex reaction-diffusion (E) A and B were grown in the same
OMVPE growth, while (C) was grown in a different run. The initial SIMS Al profiles were used as initial conditions for the finite differences
code with space- and time-varying diffusion constants and evolved to the final time; computed profiles are shown in red for increments of 2
hours. Goodness of fit values were computed for the final profiles sweeping a large range of the model parameter space in order to determine
the best values of VGa initial step-function profiles, VGa diffusion constant, and proportionality constant between [VGa] and DAl . The assumed
initial VGa step function profile is evolved using either the er f () assumption or the piece-wise-linear approximation to the reaction diffusion
of complexes, as shown in dashed green. The apparent decrease in the extent of Al diffusion between B) grown at 1050◦C and C) grown at
1100◦C is accounted for by a difference in the initial [VGa] in the substrate, as explained in Sec. V

simply a piece-wise-linear function which is initially a step
function but in which the initially vertical section pivots vs.
time such that its intercepts with the max and min values far
away front the interface move as

√
Dt (see Eq. 6). This piece-

wise-linear function accurately captures most of the dynamic
range of the SnGa−V Ga steps from Ref.21 and our re-analysis
of those data. It only fails to capture some curvature at low
concentrations at the diffusion front leading edge and at high
concentrations in the substrate. Since Al diffusion scales with
[VGa], the details of the leading edge are not dominant. The
difference between the classical er f () solution may be seen

by comparing the dashed green lines in Fig. 2 d) and e). Es-
sentially the best-fit model for Al diffusion assuming er f ()
diffusion for [VGa] suggests a significant gradient of [VGa] (and
thus SnGa) should remain at the end of our experiments, while
the RD model and our approximation predict the [VGa] and
[Sn] should be closer to uniform at the end of the experiment.
The later is in agreement with the measured, nearly-uniform
final [Sn] profiles as exemplified by Fig. 1b). Additionally,
using the piecewise-linear RD approximation yields an order
of magnitude better GOF values and allows us to recover Ar-
rhenius diffusion behavior for both Al and VGa. We take these
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TABLE I. Effective Al diffusion coefficient (Doo) and gallium vacancy diffusion coefficient for error function model and reaction-diffusion
(R-D) linear model for SLs grown on Sn and Fe doped (010) β -Ga203 and annealed at 1000, 1050 and 1100◦C. In the Fe a uniform initial VGa
profile is assumed so now value for DV Ga is reported. Doo is given assuming indicated initial values for [VGa] in SL and substrate as explained
in Sec. V.

Sample Dopant Diffusion
Model

Anneal
Temp (◦C)

Doo(cm5/s) DVGa(cm2/s) Initial [VGa] in
SL (cm−3)

Initial [VGa] in
Substrate (cm−3)

GoF

SnA Sn Erf 1000 7.0±0.5x10−31 6±1x10−14 0 1016 0.01185
SnA Sn Linear 1000 6.0±0.5x10−31 4±1x10−13 0 1016 0.01542
SnB Sn Erf 1050 2.7±0.1x10−30 6±1x10−14 0 1016 0.00956
SnB Sn Linear 1050 2.7±0.2x10−30 4±0.3x10−13 0 1016 0.00528
SnC Sn Erf 1100 8.0±1.0x10−30 4±1x10−14 2.0x1013 2x1015 0.01244
SnC Sn Linear 1100 8.0±1.0x10−30 1.4±0.2x10−12 0 2x1015 0.01953
Fe Fe NA 1050 3.5±0.5x10−32 N/A 0 1016 0.05188

facts to be strong indicators that the piecewise RD approxi-
mation for VGa diffusion more accurately reflects the actual
VGa diffusion in these SLs. The magnitude of of DVGa ex-
tracted from under the RD model show remarkable agreement
with DSn in21 despite DVGa being extracted from our [Al] pro-
files and DSn in theirs from [Sn] profiles, indicating that in
both cases the diffusivity of SnGaVGa complexes or at least the
interactions between SnGa and VGa determine the is the rate
limiting step(s).

The lack of evidence for [VGa] in-diffusion from the free
surface in our [Al] data herein raises a question for future
investigations: what sources, sinks, and transport processes
for [VGa] operate in order to establish equilibration with lo-
cal Fermi levels and pO2 during annealing and growth? The
creation and transport of vacancies bears further examination
in Ga2O3 and in other single crystal diffusion experiments.
However, for the immediate purpose of analyzing our Al dif-
fusion data, this question is immaterial since the RD models
predict the free [VGa] able to facilitate Al diffusion to have
functional shape closely mimicking the Sn profile.

The Supplemental Materials contain a thorough discussion
of whether or not VGa formation in the bulk or transport from
the free surface (where formation presumably has lower acti-
vation barrier) is detectable in our experiments and those of
Ref.21. Succinctly, the lower extent of diffusion of Al close
to the free surface appears to rule out large concentrations of
[VGa] being injected from that surface (“large” here being rel-
ative to at% concentrations of Al). Also, our models account
for the Al diffusion without requiring generation of VGa in
the SLs, only the diffusion of those initially present in the
substrate. In Ref.21 such mechanisms are implicit require-
ments of the assumption that [VGa] equilibrates with the lo-
cal Fermi level. Since Sn in21 concentrations range from 1014

to 1018/cm3, these experiments are sensitive to much lower
concentrations of VGa. Thus we can only conclude that any
bulk generation or injection of VGa from the free surface must
be below the capability of the present experiments with Al to
resolve and further experiments with smaller tracer concentra-
tions, longer times, or higher temperatures should be used to
elucidate the kinetics of VGa introduction.

From a visual comparison alone, the sample annealed at
1050◦C (Fig 2b)) shows a greater extent of diffusion than the

one annealed at 1100◦C (Fig 2c)), counter to what would be
expected for Arrhenius activation if the two samples had iden-
tical initial concentrations of [VGa].

This was initially a source of great consternation until we
realized that the sample annealed at 1100◦C (Fig 2c) ) was
grown in an earlier growth run using a different substrate,
while the samples annealed at 1000 and 1050◦C (Fig 2a,b) )
were grown at a later date on pieces of a new Sn-doped (010)
β -Ga2O3 wafer different than the one for the 1100◦C one.
[VGa] is likely to vary spatially within EFG-grown bulk crys-
tals, thus variation from wafer to wafer may occur. Likewise,
despite using nominally the same growth recipe for all three
samples, some variation is reasonably likely in [VGa] within
the SL between growth runs. The finite difference model in
Sec. II ultimately depends on DAl(x, t) as defined in Eq. 1;
thus fitting via simulation does not directly measure [VGa].
Thus in our final analysis, we assumed [VGa] = 1016/cm3 in
the substrates for the 1000 and 1050◦C annealed samples, but
explored possibilities that the substrate for the 1000◦C sample
had a different [VGa]. In all cases, the value of [VGa] in the SL
was determined independently for each sample through the
fitting process. After testing a wide range of scenarios, the
smaller value of DAl = Doo · [VGa] for the sample annealed at
1100◦C is best explained by lower initial [VGa] in that sample’s
substrate compared to the samples (from a different OMVPE
growth and cut from a different wafer) annealed at 1000 and
1050◦C. After accounting for this difference in [VGa], and
rerunning simulations with initial [VGa] in the substrate re-
duced from 1016/cm3 to 2x1015/cm3, more sensible behav-
ior for Doo(T ) compatible with an Arrhenius law with acti-
vation energy 3.9± 0.3 eV is obtained. This emphasizes the
extreme sensitivity to the local [VGa] concentration for self-
and impurity-diffusion, whilst also demonstrating the efficacy
of our modeling at extracting physically-reasonable behavior
even from samples having heterogeneous initial conditions.
The 3.9 eV activation energy for Doo(T ) is comparable to the
value of 4.2 eV obtained for AlGa diffusion in (-201) β -Ga2O3
in ref40. Table I summarizes all of the parameters from best-
fit scenarios under both the er f () and piece-wise-linear RD
models for the VGa diffusion (our final analysis concludes that
the later is the correct model).

In Fig. 1a,b) we compare two SLs annealed at 1050◦C
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on Fe and Sn doped substrates. On the Sn doped substrate,
the best-fit scenario within the piece-wise-linear model of VGa
diffusion yields Doo = 2.7x10−30cm5/s at an initial value of
[VGa] = 1016/cm3 in the substrate. Doo for Al in the absence
of VGa complexing with Sn would be expected to be the same
or larger, depending on how significantly the presence of Sn
limits the ability of VGa to mediate Al diffusion. If we do
assume that Doo is the same for samples grown on both Fe-
or Sn-doped substrates, we estimate the initial [VGa] in the
substrate for samples grown on Fe-doped substrates would be
1014/cm3, o r ≈ 100 times lower that for the Sn-doped sub-
strates. This is on the lower end of the range of estimated
ratios based on expected Fermi level positions, but given the
lack of direct comparison data and uncertainty regarding the
effects of Sn and Fe co-diffusing with VGa, considered reason-
able.

Returning to the issue of vacancy conservation, our data
and analyses point to these experiments lasting on the order
of a day or more at 1000− 1100◦C VGa diffusion occurring
over a distance of 1.5-2.5 um within a transient, not equili-
brated regime. The data show no indication for in-diffusion
from the surface, the density of vacancy sources like dislo-
cations is small (104 − 105/cm2), spontaneous vacancy pair
formation has a large activation energy. These are interest-
ing and impactful results as most analyses of similar diffusion
experiments assume that mediating native defects equilibrate
quickly compared to impurity or tracer diffusion timescales.
Herein, our evidence indicates cation vacancies remaining in
a transient diffusion regime over the 1.5-2.5 µm SL thickness
for most or all of experiments at 1000−1100◦C typically last-
ing about a full day (at least for concentrations necessary for
diffusion of Al at 1018 −1021/cm3 concentrations). This may
be a unique experimental case in that the homoepitaxial sam-
ples have low densities of vacancy sources/sinks (c.f. grain
boundaries or dislocations) and our diffusing species were
not introduced as reactive surface layers nor were they ion
implanted (both of which can introduce or consume mediat-
ing native defects). Higher temperatures and different chemi-
cal boundary conditions at free surfaces may change this, but
these experiments provide a valuable existence proof of cases
where this typically foundational assumption of analysis of
native defect-mediated diffusion is not fulfilled.

VI. DIFFUSION OF UNINTENTIONAL IMPURITIES

In addition to the d-SIMS of Al, Fe, and Sn presented so
far, we also used TOF-SIMS 3D reconstructions and survey
d-SIMS detecting all elements present (at lower spatial and
concentration resolutions). The revealed that many other ele-
ments besides Fe or Sn diffused out of a Sn-doped substrate
and through the SLs. Figure 3 shows concentration-calibrated
SIMS profiles for five illustrative metals present in the SL
shown in Fig. 2b), annealed at 1000◦C. After collecting the 20
hour anneal SIMS profile shown in Fig. 2b), the sample was
immersed in aqua regia for 10 minutes to remove any possi-
bility of metal contamination at the surface, and then annealed
in O2 for an additional 10 hours (total 30 hours) as part of ef-

FIG. 3. Low spatial and concentration resolution “survey” SIMS
profiles of five species which show high concentration and non-
homogenous behavior for SL on Sn doped substrate annealed at
1000◦C for 30 hours in oxygen. Each survey is fit with a univari-
ate spline function (solid line).

forts to eliminate possibilities of Fe contamination depositing
on the surface and then diffusing into the SL while annealing
inside the tube furnace (Supplemental Materials). Given the
known presence of many of these elements in wafers grown
from melts held in Ir crucibles- e.g. EFG35,39 and the high
purity of OMVPE-grown layers, we infer that these elements
diffused into the SLs from the substrate.

Mn, Fe and Ni accumulate at the surface at concentrations,
and to depths, which are unlikely to be due to artifacts. [Cu]
exhibits a concentration peak around the middle of the super-
lattice structure, perhaps indicating interactions between its
charge states and the Fermi level within a space charge region.
All of these transition metals are likely capable of multiple in-
terstitial and substitutional diffusion modes in multiple charge
states. Ti was also detected at 1016/cm3 uniform in depth
through the d-SIMS survey scan, while Si and Na were also
detected in TOF SIMS. Li being extremely small is suspected
to be capable of fast interstitial diffusion and is depleted rather
than enriched close to the surface. These different behaviors
are consistent with an electro-chemical potential gradient af-
fecting different elements and charge states differently near
the surface. A depletion width and built-in potential φ(x) in-
duced by surface Fermi-level pinning is the simplest example
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and defects with different relative charges q would accumu-
late or deplete as exp

(
qφ(x)
kBT

)
self-consistently following the

Poisson-Boltzmann equation. However, it has been frequently
observed that β -Ga2O3 surfaces, especially in the presence
of additional impurities, can change to the different γ-Ga2O3
phase which would of course change the chemical potential
for each impurity, perhaps causing them to accumulate. Fur-
ther analysis of these profiles is beyond the scope of this work,
but the diffusion of these impurities, some like Cu and Li be-
ing notoriously fast diffusers in semiconductors, calls for fur-
ther quantification of impurities and their diffusion in multiple
phases of Ga2O3 and in devices from fabrication to long-term
degradation under high fields and temperatures.

VII. CONTEXTUALIZING RESULTS

Figure 4 compares measured and computed diffusivities in
Ga2O3 from this work and that from literature. Red pentagons
and triangles give the diffusivities inferred in this work for VGa
assuming no interaction with Sn (erf) and coupled reaction-
diffusion with Sn (piece-wise linear). DVGa extracted from
our Al diffusion data over the investigated temperature range
assuming only the piece-wise linear shape of the [VGa](x, t)
evolution (making no assumptions of diffusion constant) have
remarkable agreement with the diffusion of SnGa −VGa com-
plexes reported by Frodason21 and follow a sensible Arrhe-
nius trend with activation energy 1.86±1.13eV The values ex-
tracted from best-fits at different temperatures assuming free
diffusion (er f (x, t)) are an order of magnitude lower and de-
viate from Arrhenius behavior. Blue rhombuses plot the mod-
eled values of free diffusion of uncomplexed DVGa from Ref21.
It is clear that interactions of acceptor-like VGa especially with
donor-like defects significantly slows their diffusion.

Since Al diffusion is proportional to [VGa] and this varies
with depth and time in the SLs on Sn-doped substrates, we
present DAl extracted for each temperature, assuming a uni-
form concentration local [VGa] = 1016/cm3. To emphasize
the dependence of DAl on local [VGa] we also give a second
dataset for DAl assuming a uniform local [V Ga] = 1014/cm3.
This latter set gives good agreement in magnitude with DAl
derived from the interdiffusion of a thin Al2O3 layer on Ga2O3
during oxygen annealing40. The data shown as an inverted
brown triangle is the value for the extracted diffusion con-
stants for the slow diffusion channel of Fe out of an Fe-doped
substrate. This value is similar to those experienced by Al, so
we speculate may be vacancy- mediated but modified by the
expected Coulomb repulsion between VGa and FeGa accep-
tors compared to the case of Al. Further detailed studies will
be needed to understand the diffusion of Fe and other metals
prone to charge state changes and possibly diffusing by mul-
tiple mechanisms simultaneously.

Oshima et al., used capacitance methods to measure the ex-
pansion of an insulating layer on the surface of n-type samples
up to a few µm thickness during O2 annealing. The kinetics of
layer thickening were consistent with a diffusion-limited pro-
cess, thus we plot their equivalent diffusion constant as blue

circles. It is very interesting to note that these extracted dif-
fusion constants are much closer to the values for impurities
like Al or Fe diffusing to the surface in our samples than they
are to any of the cation vacancy diffusion constants or oxygen
tracer diffusion constants recently reported. Thus, we specu-
late that at least part of the phenomenology of insulating lay-
ers forming on the surface of n-type Ga2O3 crystals may be
caused by out-diffusion of unintentional cation impurities to-
wards the O-rich boundary condition, possible surface band
bending, and possibly phase changes to g-Ga2O3 with impu-
rity pile-up, rather than directly by in-diffusion of O or Ga
native defects as the simplest models might assume. Clearly,
there are many questions to be explored with direct experi-
ment and theory in the diffusion and annealing behavior of
native defects and impurities in Ga2O3. Our results point out
many places where unchallenged assumptions regarding na-
tive defect processes in diffusion experiments should be revis-
ited and directly tested.

VIII. CONCLUSIONS

While many papers have shown a correlation between gal-
lium vacancies and n-type carrier concentration after oxygen
annealing, the exact dynamics of this process have not pre-
viously been explored. We have shown via Al tracer diffu-
sion, that VGa are available in great numbers in Sn doped sub-
strates, diffusing outward towards the epi-layers in our SL ex-
periments. However, the rate of diffusion is much faster than
that indicated for the formation of the semi-insulating layer
measured by Oshima. We developed a modified finite differ-
ence scheme in which the diffusion of impurities such as Al
is dependent on the concentration of VGa, which is also dif-
fusing. The finite differences model herein developed shows
no evidence of Ga vacancies being introduced from the sur-
face, though these may be introduced at lower concentrations.
The measured diffusion rates extracted for VGa are far lower
than those predicted for free vacancies based on DFT calcula-
tions. Instead they agree well with the measured rates of Sn
diffusion, indicating that the formation and diffusion of defect
complexes is the primary rate controlling step in the diffusion
of the charge-neutral Al defects. The study of unintention-
ally introduced impurities like Fe, Mn, Cu must be explored
further, and may yet play an important role in elucidating the
formation of the semi-insulating layer. The accumulation of
transition metals at the surface suggests that the effect of the
surface potential must be taken into account in future work.
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